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ABSTRACT

Defects in epitaxial Ru(0001) films on c-plane sapphire, with nominal thicknesses of 10–80 nm, deposited at 350 °C and step-annealed to
950 °C, were characterized using transmission electron microscopy. The variation of Ru and sapphire lattice parameters with temperature is
such that the misfit strain for the observed 30° rotated-honeycomb epitaxial relationship is essentially constant with temperature at 1.5%,
resulting in a biaxial stress of 10.0 GPa and an energy density of 150MJ m−3 in unrelaxed films. Stress relaxation occurs by the formation of
defects. For the 20–80 nm thick films, the defects are a- and c-type dislocations and stacking faults, argued to be of I2 type. In addition, the
films show the surprising presence of {11�21}1/3 11�2�6h i deformation twins. The 10 nm-thick films were found to be defect free. The critical
thickness for misfit strain relaxation via the formation of threading and misfit dislocations is computed as 7+2 nm, depending on the
choice of the dislocation core radius. Energetic analysis of twin formation, using both the infinite-matrix and the finite-matrix (Mori–
Tanaka) approaches, provides values of the twin aspect ratios, assumed to be ellipsoidal, and shows that the latter but not the former
approach can qualitatively explain the formation of the observed twins. In addition to providing the maximum strain relief compared to
other potential twin types, {11�21}1/3 11�2�6h i twins do not require lattice shuffles and have a boundary that is a special boundary, namely, a
35° tilt boundary with a-type dislocations every other {0002} plane, that may also favor their formation.

Published under license by AIP Publishing. https://doi.org/10.1063/5.0015188

I. INTRODUCTION

The current interconnect metal of choice is Cu. The continu-
ous downward dimensional scaling of integrated circuits has also
required the scaling of the interconnect dimensions. As dimensions
are reduced, the resistivity of Cu is found to increase, a phenome-
non termed the resistivity size effect.1 The increased resistivity has
resulted in resistance scaling beyond Ohm’s law of scaling and has
made interconnects with the major source of power consumption
in today’s integrated circuits.2–7

The two most important mechanisms contributing to the
resistivity size effect are surface scattering and grain boundary
scattering.2–10 For both scattering mechanisms, the resistivity

increase is proportional to the product of the bulk resistivity and
the mean free path, ρoλ.

11 Thus, a number of efforts directed
toward identifying candidate metals for interconnects beyond Cu
have focused on metals with lower values of ρoλ.

12 Ru is a particu-
lary promising replacement metal as it is expected to be more con-
ductive than Cu for wire widths below 19 nm and has the added
advantage of improved reliability.11,13–21

To eliminate the grain boundary scattering contribution to the
size effect, the resistivity behavior of epitaxial films and lines, pre-
pared by elevated temperature vacuum deposition on single crystal
substrates, has been examined.12,22–31 These studies have been
aimed at a more fundamental understanding of the impact of
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surfaces and defects other than grain boundaries on resistivity
rather than being aimed at as intended structures for
back-end-of-line (BEOL) process technology implementation. In
particular, for Ru(0001) films on c-plane sapphire, resistivity as a
function of thickness and the impact of deposited oxides and post-
deposition annealing in oxidizing and reducing atmospheres on
film resistivity have been reported.29,30 In addition, a recent study
has provided a brief summary of the defects in the Ru films and
has noted that by the time films reach 80 nm in thickness the
defects do not measurably impact film resistivity compared with
the reported bulk resistivity.32 Nevertheless, the detailed identifica-
tion of the defects is important and will be addressed in the current
study.29,31,32

Weak-beam dark-field (WBDF) and high-resolution trans-
mission electron microscopy (HRTEM) were used for the detailed
identification of the defects present in the epitaxial Ru(0001)
films on c-plane sapphire. To determine the thickness at which
the formation of defects becomes energetically favorable, two
energy balance approaches are used for computing the critical
thickness for stress relaxation by the formation of threading and
misfit dislocations. For the formation of deformation twins, which
can also lead to misfit strain relaxation, again two approaches to
the energetic analysis of twin formation based on the Eshelby
equivalent inclusion method are provided. It is shown that the
infinite matrix approach for this analysis cannot explain, even
qualitatively, the formation of the observed twins, and that it is
necessary to use the finite-matrix (Mori–Tanaka) approach to
explain their formation.

II. EXPERIMENTAL

Details of film deposition and annealing are given elsewhere.29

Briefly, Ru films with nominal thicknesses of 10, 20, 40, and 80 nm
were deposited onto Al2O3(0001) substrates at 350 °C in a three
chamber ultra-high vacuum DC magnetron sputter deposition
system with a base pressure below 10−9 Torr. Following deposition,
samples were annealed in situ inside the chamber in steps of
100 °C up to 950 °C before being cooled in vacuum for approxi-
mately 12 h to reach room temperature. The orientation relation-
ship between the Ru layers and the sapphire substrate was shown to
be the rotated honeycomb wherein Ru[0001] k Al2O3[0001] and
Ru[10�10] k Al2O3[11�20] in agreement with prior work.29,33

To identify the defects in the Ru layers, electron transparent
cross sections were examined in an FEI Talos F200X FEI instru-
ment operating at 200 kV. The sections were prepared by focused
ion beam (FIB) milling in an FEI Helios NanoLab 660 dual beam
instrument. The direction chosen to be normal to the prepared
cross sections was parallel to [11�20] in sapphire and thus parallel
to [10�10] in Ru. A second set of cross sections was prepared so
that the direction normal to the prepared section was parallel to
[10�10] in sapphire and thus parallel to [11�20] in Ru. The second
set of cross sections enabled weak beam dark-field imaging with
an additional beam for the determination of the Burgers vector of
the threading dislocations. For the simulation of the high-
resolution transmission electron microscopy (HRTEM) images
and electron diffraction patterns, the simulation software MulTem
was used.34

III. RESULTS AND DISCUSSION

The following sections begin with a quantitative determination
of the misfit strain, biaxial stress, and strain energy density in
Sec. III A, followed in Sec. III B by the calculation of the critical
thickness for stress relaxation by the formation of misfit disloca-
tions. The experimental observations of the defects in the films
including dislocations, stacking faults, and deformation twins are
detailed in Secs. III C–III E. Section III F addresses the calculation
of the twin nucleation energy, shape, and critical size.

A. Calculation of film strain, biaxial stress, and elastic
strain energy density

For all the equations that will be given in the remainder of this
paper, the Cartesian axes for stress and strain for the given (0001)
orientation of the Ru layer are taken as those defined by the IEEE
1978 standards. This means that the x and z axes of the Cartesian
frame are along the a and c basis vectors of the hexagonal unit cell,
respectively. The y axis is normal to both x and z and defines a
right-handed coordinate system. Thus, using the Miller–Bravais
indices to denote crystallographic directions, x ¼ [2�1�10],
y ¼ [01�10], z ¼ [0001]. In the remainder of the text, the Cartesian
axes x, y, and z, will be denoted as 1, 2, and 3, respectively.

The hexagon-on-hexagon misfit strain for Ru(0001) on sap-
phire(0001), (asapphire � aRu)/aRu is computed as 75.9% based on
the 27 °C reported lattice parameters of asapphire=4.759 32 Å,
csapphire ¼ 12:9920A

�
, and aRu ¼ 2:7059A

�
, cRu ¼ 4:2819A

�
.35–37 The

misfit strain can be reduced by a factor of 50 to 1.5% by a 30-degree
relative rotation of Ru and sapphire about [0001]. The rotated hon-
eycomb epitaxy for Ru(0001)/sapphire(0001) heterostructures,
reported in Ref. 33 is also the epitaxial orientation for the films in
the current study,29 as noted earlier. The rotation places the {10�10}
planes of Ru parallel to {11�20} planes of sapphire, allowing the
misfit strain to be computed using the following relation:

εm ¼ dsapphire11�20 � dRu10�10
dRu10�10

, (1)

where d’s are the interplanar spacings of the given planes in the
given material.

The variation of the basal plane lattice parameters of Ru35

with temperature is such that the misfit strain remains essentially
constant at 1.5% from room temperature to the maximum anneal-
ing temperature of 950 °C. Using the value of misfit strain from
Eq. (1) and the reported elastic constants for Ru, which for stiffness
are C11 ¼ 563, C33 ¼ 624, C44 ¼ 181, C12 ¼ 188, C13 ¼ 168 GPa
and for compliance are S11 ¼ 2:09, S33 ¼ 1:82, S44 ¼ 5:525,
S12 ¼ �0:576, S13 ¼ �0:408 (TPa)−1 (Refs. 38 and 39), the biaxial
in-plane stress can be computed using the following relation:40,41

σ11 ¼ σ22 ¼ εm
S11 þ S12

, (2)

where ε11 ¼ ε22 ¼ εm ¼ 0:015 because of isotropy of elastic strain
in the basal plane, thereby yielding a biaxial in-plane stress of
10.0 GPa.
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Since the film is unconstrained in the thickness direction, the
stress normal to the film is σ33 ¼ 0. This allows us to determine
the normal strain in the z direction, ε33, using the following expres-
sion (see, for example, Ref. 40):

σ33 ¼ C13(ε11 þ ε22)þ C33ε33 ¼ 0, (3)

where Cij are the 2-index Voigt matrix components of the elastic
stiffness of Ru. The normal strain in the film is computed as
ε33 ¼ �0:008, i.e., in unrelaxed films, the c axis of the Ru layer is
compressively strained. There are no shear strains in the film;
therefore, ε12 ¼ ε13 ¼ ε23 ¼ 0.

The stored elastic strain energy per unit volume in the Ru
layer, w, can be calculated using either the compliance constants S
or the stiffness constants,41,42

w¼ ε211
S11þS12

¼1
2
C11(ε

2
11þε222)þ

1
2
C33ε

2
33þC12ε11ε22þC13(ε11ε33þε22ε33)þ2C44ε

2
23

¼ (C11þC12)ε
2
11þ

1
2
C33ε

2
33þ2C13ε11ε33, (4)

where again Sij and Cij are the Voigt matrix components of compli-
ance and stiffness, respectively.38,39 The simplification of the expres-
sion in terms of the stiffness constants is made based on the in-plane
symmetry of the elastic strain, ε11 ¼ ε22, and the fact that ε23 ¼ 0, as
noted above. The strain energy density in fully strained films is then
computed as 150MJm−3 or 1.24kJ/mol per mole of Ru atoms.

As film thickness, h, increases, the stored elastic strain energy
increases and can reach very large values. The relaxation of this
energy occurs via the formation of defects and will be addressed in
Secs. II B–II E.

B. Critical thickness for strain relaxation via formation
of dislocations

A common and well-established mechanism for stress relaxa-
tion in epitaxial films is the formation of misfit dislocations at the
interface of the elastically strained film layer and the substrate for
layers with a thickness above a critical thickness, hc.

43,44 These dis-
locations are formed as a result of nucleation followed by glide of
threading dislocations to the interface under a non-zero resolved
shear stress. The result is then the combined threading-misfit dislo-
cation for stress relaxation.43,44

The critical thickness for stress relaxation can be computed
using the Mathews–Blakeslee43,44 approach, which is based on the
energy balance for misfit dislocation formation in a stressed layer.
Taking, for the moment, the simplest approach to this energy
balance by considering only the misfit segments of the combined
threading-misfit dislocations, the critical thickness, hc, can be com-
puted as detailed below and in Appendix A.

The line energy of a dislocation per unit length, Ed , is
given by45

Ed ¼ 1
4π

b2K(f) ln
R
r0

� �
, (5)

where b is the magnitude of the Burgers vector b, K is the energy
factor, f is the angle between the direction of the dislocation line
and the Burgers vector, and R and r0 are the outer and inner radii
of the elastic field around the dislocation, respectively.45 For com-
puting the critical thickness, R ¼ hc and r0, termed the core radius,
is taken in the range of b/2–b/8, with b/4 as the most commonly
used value.42

For elastically anisotropic materials, as in the case of hexago-
nal crystals such as Ru, analytical expressions for the energy factor,
K, can only be obtained for certain orientations.45 For a-type dislo-
cations in the basal plane, {0001}, with Burgers vectors
b ¼ 1/3 11�20h i, the variation of the energy factor K with angle f
turns out to be the same as for the case of isotropic materials on
account of the elastic isotropy in the basal plane of hexagonal
systems, and is given by

Kbasal ¼ (C11 � C12)C44

2

� �1/2
cos2 fþ (λ2C33 þ C13)

� C44(λ2C33 � C13)

C33(λ2C33 þ C13 þ 2C44)

� �1/2
sin2 f

λ2 ¼ C11

C33

� �1/2

: (6)

If we set f ¼ π
2, the a-type misfit dislocation in the basal plane will

be of pure edge type, thereby providing maximum misfit strain
relief. This then places the dislocation lines along the 1�100h i
directions.

Now following the same procedure as detailed in Refs. 43, 44,
and 46 and ignoring the difference in elastic constants of the film
and the substrate, as is commonly done, the critical thickness is
found from the following relation:

hc ¼ 3 b(S11 þ S12)
8 π εm

Kbasal ln
hc
r0

� �
, (7)

where εm ¼ ε11 ¼ ε22 ¼ 0:015, and the factor of 3 arises from the
fact that by symmetry there are three a-type misfit dislocations in
the basal plane. Using Eqs. (5) and (6) and the elastic constants of
Ru listed earlier,38,39 the energy factor of the misfit dislocation is
found to be Kbasal ¼ 252:0GPa. For r0 ¼ b/4 and b = 0.270 59 nm,
the computed critical thickness is hc ¼ 3 nm.

To gain further insight into the mechanism of formation of
misfit dislocations for stress relaxation, the threading segments of
the dislocations must also be considered since, since as noted
above, the misfit segments of the dislocations are formed as a result
of nucleation followed by glide to the interface under a non-zero
resolved shear stress of the threading segments. To this end, differ-
ent families of slip systems must be considered and the resolved
shear stresses on the given slip planes in the given slip directions
must be determined.

Studies of the deformation behavior of bulk, single crystal
Ru samples have shown that under both tensile and compressive
loading, the preferred slip system is basal slip, 1/3 1120h i{0001},
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i.e., a-type dislocations in the basal plane.47–54 Ru single crys-
tals subject to compression but oriented favorably for prismatic
(but not basal) slip, are found to plastically deform via glide
of 1/3 1120h i{1�100}, i.e., a-type dislocations in prismatic planes,
{1�100}.55

However, given the (0001) orientation of the Ru films in the
current study, the resolved shear stresses for a-type threading dis-
locations are zero. This is not just the case for the basal and pris-
matic families of slip systems, where the slip planes are parallel or
perpendicular to the basal plane, respectively, but it is also the
case for families of slip systems with inclined slip planes to the
basal plane.42,56 The resolved shear stresses are also zero for the
c + a type threading dislocations in prismatic planes {1�100}, i.e.,
the so-called pyramidal I, 1/3 11�23h i{1�100}, family of slip systems.
Thus, the (partial or complete) relaxation of the coherency strain
by the basal plane a-type misfit segments of the combined thread-
ing plus misfit dislocations would require the activation of a slip
system with an inclined slip plane to the basal plane and a
Burgers vector for the threading component that is not simply
a-type.

Three candidate families of slip systems with inclined slip
planes to the basal plane with c + a type threading segments, with
b ¼ 1/3 11�23h i, and a-type misfit segments in the basal plane are
listed in Table I.49–51,53,54,57 The resolved shear stresses on the
threading dislocations for the representative slip systems are also
listed in the table. These stresses are seen to range from as low as
2.6 GPa for the 1/3 11�2�3h i{2�1�11}system to as high as 4.5 GPa for the
1/3 11�2�3h i{11�22} system. The latter is the so-called pyramidal II
system.49–51,57

Using the candidate slip systems listed in Table I, the critical
thickness for strain relaxation by the combined threading plus
misfit dislocation configurations can be computed using different
approaches.42,56–58 As was the case earlier in this section, these
approaches also ignore the differences in elastic constants of the
film and the substrate but they do account for the elastic anisotropy
of the Ru layer. However, they assume the deviation from full isot-
ropy to be small.42,56–58 This assumption does hold for Ru, as
shown by computing the elastic anisotropy ratios.

Using the definitions for stiffness and shear modulus anisot-
ropy ratios for hexagonal materials given in Ref. 39, as respectively,
fE ¼ S11/S33 and fG ¼ (S44 þ 2S11 � 2S12)/(2S44), the anisotropy
ratios for Ru are 1.15 and 0.98. These values are closer to the value
of 1.0 for full isotropy than are the ratios of 1.18 and 0.90 for GaN,

where the assumption of small deviation from isotropy has been
used to determine the critical thickness42,56–58

Floro et al.57 give the following expression for the critical
thickness hcF for the introduction of misfits for the case where the
energy of both the threading and misfit segments are considered:

hcF ¼ bF sin β
8π εm(1þ ν) sin α

1� νcos2β

sin2β

� �
ln

hc
r0

� �
� 1
2
cos 2α � 1� 2ν

4(1� ν)

� �
,

(8)

where, as noted earlier, εm is the coherency strain of 0.015 for the
rotated honeycomb epitaxy of Ru (0001) on sapphire (0001), ν ¼
C13/C33 is the relevant Poisson ratio (rather than the ratio given in
Ref. 57, though the difference in the computed value of ν is small
and does not change the value of critical thickness rounded to the
nearest nm). The computed value of the Poisson ratio using the
expression given here is 0.269 for Ru, α is ninety degrees minus
the angle between the glide plane and the basal plane, β is the
angle between the Burgers vector of the candidate slip systems,
b ¼ 1/3[11�2�3], and the misfit dislocation line direction for the given
slip system. The misfit dislocation line directions for the represen-
tative slip systems are listed in Table I and are either 10�10h i or
11�20h i type directions. In Eq. (8), bF ¼ 0:5065 nm is the magnitude
of the Burgers vector 1/3[11�2 �3], and r0 is again the dislocation core
radius.

Of the three slip systems considered for the combined thread-
ing plus misfit dislocations considered, the system for which the
misfit dislocation in the interface-plane is pure edge, i.e., the slip
system for which the in-plane component of the Burgers vector is
1:0jbj will be the most effective slip system for relieving the coher-
ency strain. As seen in Table I, this slip system is the
1/3 11�2�3h i{11�22} slip system, i.e., the pyramidal II slip system. For
this slip system, α ¼ 32:3� and β ¼ 90�, and thus for r0 ¼ b/4, the
computed critical thickness is hcF ¼ 7 nm.

The computed critical thicknesses for the other two slip
systems of Table I for r0 ¼ b/4 are larger at 8 nm for the second
system listed, and computed for 1/3[11�2�3](01�11), and 16 nm for
the first system listed, and computed for 1/3[11�2�3](2�1�11). It is
worth noting that the computed values for the critical thickness at
7 and 8 nm for the second and third families of slip systems listed
in Table I, namely, 1/3[11�2�3](11�22) and 1/3[11�2�3](01�11), which
include the threading as well as the misfit components, are more
than twice the value of 3 nm computed earlier where only the

TABLE I. Families of slip planes and Burgers vectors, b, for slip systems with c + a type Burgers vectors, 1/3 11�2�3
� �

. The biaxial misfit stress resulting from the misfit strain is
10.0 GPa. The table also gives the resolved shear stresses on the slip plane in the slip direction computed for the listed slip plane and direction. The line direction of the misfit
dislocations deposited by the threading dislocation of the given representative slip system in the basal plane, the angle between the slip plane and the basal plane (0001), the
in-basal-plane component of the Burgers vector are listed. The table also gives the values for the critical thickness computed using Eq. (8) and r0 ¼ b/4.

Slip systems
Resolved shear stress on slip
plane in slip direction (GPa)

Interfacial line
direction

Angle between slip
plane and (0001)

In-basal-plane edge
component of Burgers

vector

Critical
thickness, hcF

(nm)

{2�1�11}1/3 11�2�3h i 2.6 0�110h i 72.5° 0:5jbj 16
{01�11}1/3 11�2�3h i 4.1 2�1�10h i 61° 0:87jbj 8
{11�22}1/3 11�2�3h i 4.5 1�100h i 58° 1:0jbj 7
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misfit segments in the interface plane were considered, given that
additional volumetric strain energy density is needed for the forma-
tion of the threading segment. Decreasing(increasing) the inner
radius, i.e., the core radius, r0, to b/8(b/2) increases (decreases) the
computed critical thickness values to 9(5) nm for the pyramidal II
slip system, allowing us to give the critical thickness for relaxation
of misfit strain by the formation of dislocations as hc ¼ 7+ 2 nm.

C. Experimentally observed dislocations in the films

We next turn to the experimental observations of the disloca-
tions in the Ru films. Figures 1(a) and 1(b) present the selected

area electron diffraction patterns for two different cross sections of
the 80 nm-thick Ru layer, with Fig. 1(a) close to the [11�20] zone
axis, and Fig. 1(b) close to the [10�10] zone axis. In a prior study,
x-ray diffraction measurements of the lattice parameter normal to
the film (i.e., the c lattice parameter) showed this film to be fully
relaxed.29

Weak-beam dark-field (WBDF) imaging with different diffrac-
tion vectors, g, together with “g · b” plus “g · b × l” analysis, where
b is the Burgers vector of the dislocation and l is the dislocation
line, which was used to determine the types of dislocations present
in the film.59,60 For WBDF imaging of the films, dislocations, when
visible, appear either as nearly vertical lines of bright contrast
(white), sometimes spanning the full thickness of the films, or as
regions of bright contrast at the interface. Figures 2(a) and 2(b) are
WBDF images for the cross section prepared normal to [1120] and
imaged with the (0002) and (1�100) beams, i.e., g0002 and g1100,
respectively. Figures 3(a) and 3(b) are WBDF images for the cross
section prepared normal to [10�10] and imaged with the (0002) and
(1�210) beams, i.e., g0002 and g1210, respectively.

Table II lists the Burgers vectors and the values of the vector
dot product g · b for three types of Burgers vector, a-type, c-type,
and c + a-type. For cases where g · b≠ 0, the dislocation is visible
for the given imaging vector g.59 For cases where g · b = 0, screw
dislocations are invisible since the Burgers vector and the disloca-
tion line are parallel and g · b × l = 0 by necessity. However, if the
dislocation is pure edge or has an edge component, the dislocation
will only be invisible if g · b × l = 0, otherwise the dislocation will be
visible even with g · b = 0.59

Using the entries in Table II to examine Figs. 2(a) and 2(b)
and Figs. 3(a) and 3(b), it is clear that no c + a-type dislocations are

FIG. 1. Selected area electron diffraction patterns of the 80-nm Ru thick film pre-
pared normal to and imaged for the same zone axis, (a) [1120] and (b) [10�10].
Note that in (a) double diffraction results in the presence of forbidden reflections
such as (0001). In (b), the diffraction pattern also includes the diffraction spots of
the sapphire substrate. The pattern for sapphire is a [1120] zone axis pattern on
account of the 30° rotated honeycomb orientation relationship of the Ru layer and
the sapphire substrate. The g vectors of the Ru layer used for the WBDF images
in Figs. 2 and 3 are given and are marked with green arrows.

FIG. 2. WBDF (g/3 g) image acquired close to the [1120] zone axis for the
80 nm-thick Ru film prepared in cross section normal to [1120]. Two different
reciprocal lattice vectors perpendicular to each other are selected for imaging,
(a)g0002 and (b) g1100. The short red arrow in (b) marks a stacking fault.
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present in the film. In detail, g · b≠ 0 for at least two of the three
crystallographically distinct Burgers vectors in the 1/3 11�23h i family
for each the three g-vectors, and thus the same set of dislocations
should have been visible for each of the pairs of g-vectors in Figs. 2

and 3. For example, some or all dislocations seen as bright lines in
Fig. 3(a) should have also been visible in Fig. 3(b), but they are not.
Given that no dislocations are observed for both g-vectors in the
figures, it can be concluded that dislocations with b ¼ 1/3 11�2�3h i
are not present in the film.

For c-type dislocations, the visibility/invisibility of the disloca-
tions in Figs. 2 and 3 is consistent with threading segment with dis-
location lines that are parallel to 0001h i. This means that these
dislocations are of c-type screw dislocations. These dislocations
have g · b≠ 0 for g0002 [Figs. 2(a) and 3(a)] and are visible. They
have g · b = 0 for g1100 [Fig. 2(b)] g1210 [Fig. 3(b)] and are invisible.
The visibility/invisibility of dislocations in Figs. 2 and 3 is also con-
sistent with c-type pure edge dislocations with their lines along
10�10h i since for these dislocations g · b × l≠ 0 for g0002 and g1210
even though g · b = 0.

For the a-type dislocations, the visibility/invisibility of the dis-
locations in Figs. 2 and 3 is also consistent with the presence of
edge dislocations with lines along 0001h i. These dislocations are
particularly clear in Fig. 3(b). Figures 2 and 3 are also consistent
with a-type misfit dislocations which have their lines l along
10�10h i and are thus pure edge or have an edge component,
depending on the choice of b and l. For these dislocations, imaged
with g = (0002), even though g · b = 0 (Table II), the second condi-
tion for invisibility is not satisfied, i.e., g · b × l≠ 0, and thus the
misfit dislocations are visible, as in Fig. 2(a), for example, where
the bright contrast of these dislocations along the Ru/sapphire
interface is particularly prominent. Using WBDF, it is not possible
to distinguish the a-type misfit dislocations from the c-type disloca-
tions with lines along 10�10h i. However, it is possible to do so using
high resolution imaging, as detailed below.

Figure 4(a) is a high magnification, high resolution transmis-
sion electron microscopy (HRTEM) image of the 80 nm-thick Ru
film and the sapphire substrate. A Fourier filtered image for a
spatial frequency parallel to the Ru/sapphire interface is shown in
Fig. 4(b). The highlighted box in Fig. 4(b) clearly shows the pres-
ence of an a-type misfit dislocation in the Ru/sapphire interface,
with the extra half plane of atoms (dark bands) seen in the Ru
layer, as would have been expected.

FIG. 3. WBDF (g/3 g) image acquired close to the [10�10] zone axis for the
80 nm-thick Ru film prepared in cross section normal to [10�10]. Two different
reciprocal lattice vectors perpendicular to each other are selected for imaging,
(a) g0002 and (b) g1210.

TABLE II. Diffraction vectors, g, used for weak beam dark-field (WBDF) imaging,
and the Burger vectors, b, for different dislocation types are listed. The a-type and
c + a-type family of dislocations comprise a set of three crystallographically distinct
Burgers vectors by symmetry, ignoring the distinction between plus and minus signs
of b, whereas for the c-type dislocation there is only one crystallography distinct
Burgers vector. The table entries give the dot product of g and b, g · b. When
g � b = 0�, the dislocation is visible. For the cases where g � b ¼ 0, the dislocation
will be invisible if pure screw or a screw component. However, if the dislocation is
pure edge or has an edge component, then invisibility of the dislocation would
require that in addition to g � b ¼ 0, g · b × l = 0, where l is the dislocation line direc-
tion. See the text for more details for the analysis of dislocation types present in the
80 nm-thick Ru film.

Imaging
diffraction
vector, g

a-type
dislocations

b ¼ 1/3 11�20h i

c-type
dislocations
b ¼ 0001h i

c + a-type
dislocations

b ¼ 1/3 11�2�3h i
(0002) 0 ≠0 ≠0
(1�100) ≠0

except for
b ¼ 1/3[11�20]

0 ≠0
except for

b ¼ 1/3[11�23]
(1�210) ≠0

except for
b ¼ 1/3[2�1�10]

0 ≠0
except for

b ¼ 1/3[2�1�13]

FIG. 4. (a) HRTEM image acquired along the Ru/Sapphire interface. (b) Fourier
filtered image of (a) showing a misfit dislocation at the interface inside the gray
box.
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The dislocations seen in the 80 nm-thick films are also seen in
the 20- and 40 nm-thick films (not shown), but WBDF imaging
shows that there are no dislocations present in the 10 nm-thick
films. Epitaxial films can commonly be grown free of misfit dislo-
cations to significantly larger thicknesses than the thermodynamic
critical thickness calculated above. The reason for this observation
is the presence of kinetic barriers to the nucleation of disloca-
tions.43,44,46,57,58 Clearly, the post-deposition annealing treatment
of Ru films has allowed the formation of threading and misfit dislo-
cations as well as stacking faults and deformation twins (to be dis-
cussed below) for films with thicknesses >10 nm. The nominally
10 nm-thick Ru layer which is absent dislocations represents a ther-
modynamically stable film with a thickness that is very close in
value to the computed critical thicknesses of hcF ¼ 7+ 2 nm.

In summary, both the absence of c + a-type dislocations and
the presence of a-type and c-type dislocations which are on planes
for which the resolved shear stress in the direction of the Burgers
vectors, i.e., in slip directions, are zero is surprising. Thus, the
mechanism of formation of the observed dislocations remains
unclear and will be the subject of future studies. However, we
hypothesize that their formation is enabled by the formation of
deformation twins discussed below.

D. Basal plane defects: Stacking faults

Prior work32 and the WBDF images of Figs. 2(a) and 2(b) and
Figs. 3(a) and 3(b) show the presence of finite sized defects in the
basal plane. One of these defects is marked with a red arrow in the
weak beam dark-field image of Fig. 2(b). These defects are also
present in the 20 nm-thick film (not shown) but not in the
10 nm-thick film. As will be seen in the next section on deforma-
tion twins, given that the resolved shear stress for basal plane twin
formation is zero, it is more likely that the observed basal plane
defects are stacking faults. However, at the same time, we acknowl-
edge that the dislocations seen in the films with thicknesses
>20 nm discussed in the previous section are also on planes for
which the resolved shear stresses are zero. The unambiguous identi-
fication of the basal plane defects will thus require a more detailed
understanding of the defect formation mechanisms, which will
need to be addressed in future studies.

Four types of basal plane stacking faults (SF) are identified in
hexagonal close-packed (hcp) metals. They are termed I1, I2, E,
and T2.

61 For the intrinsic fault I1, or growth fault, only one atomic
plane has a local fcc-like environment. This fault can be formed by
removing one of the atomic layers, say, the A layer above a B layer
in the ABAB….. stacking sequence of the hcp structure, and then
shearing the remaining planes above the B plane with Shockley
partial dislocations of the 1/3 10�10h i type. The Shockley partials
bounding a ribbon of stacking fault are formed via the dissociation
of perfect, a-type dislocations in the following type of Burgers
vector reaction:

1
3
[1120] ! 1

3
[10�10]þ 1

3
[01�10]: (9)

The Burgers vectors of the Shockley partial dislocations lie at
±30° to the perfect a-type Burgers vectors and result in a reduction

of dislocation energy from b2 to 2b2/3.49 The equilibrium separa-
tion of the partials, and hence the width of the stacking faults, is
determined by the stacking fault energy.

The second type of stacking fault, the intrinsic fault I2, or
deformation fault, is formed by directly shearing the hcp lattice by
displacements of the 1/3 10�10h i type. This leads to two atomic
planes having fcc-like environments. The third type of stacking
fault, the extrinsic stacking fault, E, is formed by inserting an extra
atomic plane into the hcp stacking, and results in three atomic
planes having fcc-like environments. The fourth type of
stacking fault, the T2 fault, is a twin-like fault since it has mirror
symmetry about the faulted plane and is a competing lower energy
defect to E.61

Stacking fault energies of the four types of faults have been
computed for 14 hcp metals, including Ru.62 For Ru, they are
found to be 0.520, 0.760, 1.080, and 0.960 J/m2 for I1, I2, E, and
T2, respectively. The I1 fault is found to have the lowest energy of
the four fault types in all the elemental hcp metals.62 The com-
puted energy of the I1 fault is also found to be the lowest in nitrides
with the wurtzite structure such as GaN, InN, and AlN.63

Experimentally, these faults are found in AlN films grown on
r-plane sapphire.64

Given that the I1 fault is the lowest energy stacking fault in
Ru, it can be argued that the finite-sized basal plane defects seen in
the films with thicknesses � 20 nm are I1 faults. However, since
these faults are not seen in the 10 nm thick films, then it is also
possible that they are not growth faults or I1 type faults that
formed during film deposition, but rather they are I2 faults that
formed simply as a result of the dissociation of a-type dislocations
into Shockley partials. The a-type dislocations will feature again in
the deformation twins to be discussed in Sec. III E.

E. Deformation twins

Deformation twinning is another mode of plastic deformation
in metals, particularly in hexagonal metals, and enables a solid to
change shape when subjected to an applied stress, or as we shall see
here, as a means of relaxing the misfit strain. As Bilby and Crocker
note, a deformation twin is a region of material that has undergone
a homogeneous shape change in such a way that the resulting
crystal structure is identical to the parent crystal but is oriented dif-
ferently.65 Since deformation twinning occurs, in principle, by a
homogeneous simple shear of the parent lattice, it requires the
coordinated displacement of atoms.65,66 Deformation twins are
usually seen as individual thin plates when embedded in the parent
crystal (or matrix). An example is seen in Fig. 5 with the white
arrow pointing to one such plate.66

The classical crystallographic theory of twinning identifies the
four twinning systems listed in Table III for hexagonal metals, two
of which are compression twins, ct1 and ct2, and two of which are
tension twins, tt1 and tt2.50,52,66 Other twinning modes are possi-
ble.53,65 However, for the present study, the twinning systems listed
in Table III will be sufficient for identifying the observed twins in
the Ru films.

To begin, given that twins are planar discontinuities in crys-
tals, Table III will be used to define the crystallographic elements of
twins. The invariant plane of shear, which is an undistorted plane,
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is called K1. The shear direction in this plane is η1.
50,65,66,69 The

scalar magnitude of shear is s and is listed in terms of the ratio of
the lattice parameters, i.e., the c/a ratio, γ, along with the computed
values for Ru in Table III.

Barmak et al.32 used trace analysis to show that the observed
twins, such as those seen in Fig. 5, are of the tt2 or
{11�21} 1/3 11�2 �6h i type. To confirm that the observed twins are
indeed the tt2 type, high resolution transmission electron micros-
copy (HRTEM) was used in the current study. A high-resolution
transmission electron micrograph of a twin is shown in Fig. 6(a),
with the Fourier transform of the image given in the inset.
Figure 6(b) is a simulated image of a tt2 type twin. For the simula-
tion, first a Ru crystal with a {11�21} 1/3 11�2 �6h i twin was generated.
The size of Ru crystal was 2.3 × 4.1 × 6.7 nm3. The simulated
HRTEM image of this crystal is given in Fig. 6(b), and the

simulated diffraction pattern is given in the inset. Comparison of
the Fourier Transform [inset of Fig. 6(a)] of the HRTEM micro-
graph and the simulated electron diffraction pattern from the Ru
crystal [inset of Fig. 6(b)] clearly shows the streaks along the same
direction for both insets. These streaks are the result of broadening
of the diffraction spots on account of the finite size of the twin in
the direction of the twin plane normal. Thus, based on this simula-
tion study, we again conclude that the deformation twins are of the
tt2, {11�21} 1/3 11�2 �6h i, type. Twins of the tt2 type have been previ-
ously reported for bulk samples of graphite,70 titanium,71 and
cobalt.72

F. Analysis of twin nucleation energy

To gain further insight into why the observed twins are of the
{11�21} 1/3 11�2 �6h i type, an energetic analysis of the twinned Ru
film was conducted following the approach of Ref. 69 and the criti-
cal shape and then the critical size of the twin nucleus were deter-
mined. The twinned systems that were considered are those listed
in Table III.

1. Model description

For the energetic analysis, the twin is modeled as an ellipsoidal
inhomogeneous inclusion within the single crystalline Ru matrix
with the crystallographic frame, x, y, z, aligned with the global
frame. Principal directions of the ellipsoid align with the direction
of twinning shear, η1, the direction normal to the twinning plane,
K1, and the direction mutually perpendicular to these to define a
right-handed set. The size and shape of the ellipsoid are defined by
length a1 of the ellipsoid semi-axis in the shear direction and by
the aspect ratios γ2 ¼ a2/a1 and γ3 ¼ a3/a1, where a2 is the length
of the ellipsoid semi-axis in the direction of the twin plane normal,
and a3 is the length along the third semi-axis of the twin ellipsoid
which lies in the twinning plane, perpendicular to the twinning

FIG. 5. Bright-field transmission electron micrograph of the cross section of the
80 nm-thick Ru film, imaged close to the Ru [10�10] zone axis. The white arrow
marks a deformation twin.

TABLE III. Twinning modes of the classical crystallographic theory of twinning for hexagonal metals.52,66 Designation of twins as compressive (ct1, ct2) or tensile (tt1, tt2)
twins, with twinning planes and directions, K1, η1, listed. q is the number of twinning planes traversed in the direction normal to the twinning plane at which point the structure
of the twin-matrix interface repeats itself. The expressions and magnitudes of twinning shear s in terms of the c/a ratio, γ, are given, with γ = 1.582 for Ru. The biaxial misfit
stress resulting from the misfit strain is 10.0 GPa. The computed resolved shear stress on the twinning plane in the twinning direction, i.e., the σ12 component, and the esti-
mated twin boundary energies are listed. The boundary energies were calculated by extrapolating the values found in literature, assuming a linear dependence on C44.

67,68

The resolved shear stress on tt1 is negative and thus not listed. See the text for more details.

Twin
designation

Twinning systems with twinning
planes, K1, and twinning

directions, η1
Expression and value for
magnitude of shear, s q

Resolved shear stress on
K1 plane in η1direction

(GPa)

Estimated twin
boundary energy,

Γt(J m
−2)

ct1 {2�1�12} 1
3 2�1�1�3h i 2(γ2 � 2)

3γ
0.21 6 4.6 1.815a

ct2 {10�11} 10�1�2h i 4γ2 � 9

4γ
ffiffiffi
3

p 0.09 8 4.2 0.265a

tt1 {10�12} + �1011h i jγ2 � 3j
γ

ffiffiffi
3

p 0.18 4 - -

tt2 {11�21} 1
3 11�2�6h i 1

γ
0.63 2 2.9 1.183b

aReference 67.
bReference 68.
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shear direction.69 Crystallographic orientation of the ellipsoidal
domain is described by the twinning relation with the matrix.

The plastic strain (eigenstrain) in the ellipsoidal domain is
given by εpij ¼ 1

2 s(δi1δ j2 þ δi2δ j1), where δij is the Kronecker delta
and s is the characteristic shear of the twinning system and is listed
in Table III.69 The matrix is subjected to biaxial tension ε11 ¼
ε22 ¼ 0:015 and σ33 ¼ σ12 ¼ σ13 ¼ σ23 ¼ 0 (see also Sec. II A).
Following Refs. 51, 69, and 72, the total Gibbs free energy differ-
ence between the matrix containing the twin and the perfect matrix
(without the twin) is given by the sum of the elastic strain energy
contribution, ΔW, and the surface energy contribution, T ,69

ΔG ¼ ΔW þ T: (10)

The elastic strain energy contribution ΔW is the difference in the
elastic strain energy between the matrix containing the ellipsoidal
twinned domain and the perfect single crystalline matrix, under the
same boundary conditions.

2. Calculation of the strain energy difference and the
critical aspect ratios of the twin ellipsoid

Two approaches for the calculation of the elastic strain
energy difference ΔW are considered. In the first approach, the
matrix is assumed infinite.69 Consequently, shear accommodated
within the twin is assumed negligible. The elasticity problem can
be solved using the Eshelby equivalent inclusion method.73,74 In
this method, the inhomogeneous inclusion is replaced by an
equivalent inclusion undergoing eigenstrain ε* *, as termed by
Mura74 or stress-free transformation strain as termed by Eshelby,73,75

which is given by74

ε* *ij ¼ (ΔCijkl S
E
klmn þ Cm

ijmn)
�1

(�ΔCmnop C
m�1

opqr σ
0
qr þ Ctw

mnop ε
p
op),

(11)

where use is made of the four-index notation for the elastic con-
stants, rather than the Voigt matrix contracted notation used in Sec.
II, Cm is the stiffness of the matrix, Ctw is the stiffness of the

inhomogeneity, ΔCijkl ¼ Ctw
ijkl � Cm

ijkl, S
E is the Eshelby tensor, and σ0

is the macroscopic stress in the matrix, with all quantities defined in
the global x, y, z frame. Appendix B describes the procedure for the
calculation of the Eshelby tensor, SE . The elastic strain energy differ-
ence for the infinite matrix approach (superscript inf) is then given
by [Eq. (25.24) in Ref. 74]

ΔW
inf ¼�1

2

ð
Vi

σ0
kl ε

*
kl dD� 1

2

ð
Vi

σ i
kl ε

p
kl dD� 1

2

ð
Vi

σ0
kl ε

p
kl dD

¼�1
2
σ0
kl ε

*
kl V

i � 1
2
σ i
kl ε

p
kl V

i�σ0
kl ε

p
kl V

i, (12)

where Vi is the volume of the ellipsoid, ε*kl¼ε* *kl � εpkl , is the addi-
tional eigenstrain in the equivalent inclusion in comparison to the
inhomogeneity, σ i

ij ¼ Ctw
ijkl (ε

0
kl þ SEklmn ε

* *
mn � εpkl)� σ0

ij is the stress
deviation in the inhomogeneity, and ε0 is the strain associated with
the macroscopic stress σ0 in the matrix.

In the second approach, we assume a matrix of finite size. The
volume fraction of the twin phase is no longer negligible in com-
parison to the matrix and thus the shear accommodated in the
twin is taken into account. The microstructure is first homogenized
using a Mori–Tanaka approach,76,77 and the elastic strain energy of
the microstructure is assumed equal to the elastic energy of the
homogeneous effective medium. The effective compliance and
stress-free strain of the homogenized medium are given by

�Mijkl ¼ (cmMm
ijmn B

m
mnop þ ctwMtw

ijmn B
tw
mnop)(c

mBm
opkl þ ctwBtw

opkl)
�1
,

(13)

�E0
ij ¼ ctw (Mtw

ijkl b
tw
kl þ εpij)� �Mijkl(c

tw btwkl ), (14)

where cm and ctw are volume fractions of matrix and twin, and Mm

and Mtw are compliances of matrix and twin, respectively. The
stress concentration tensor in the matrix is assumed to be
Bm
ijkl ¼ Iijkl , where I is the identity tensor. The stress concentration

tensors in the twin are given by78

Btw
ijkl ¼ (Mtw

ijmn þ ~Mijmn)
�1

(Mm
mnkl þ ~Mmnkl), (15)

btwij ¼ (Mtw
ijkl þ ~Mijkl)

�1
(�εpkl), (16)

where the interaction tensor is ~Mijkl ¼ (I � SEijmn)
�1 SEmnopM

m
opkl . The

elastic strain energy of the homogeneous effective medium is then
given by

WMT ¼ 1
2
Σij Eij

� �
V ¼ 1

2
Σij �Mijkl Σkl þ 1

2
Σij �E

0
ij

� �
V , (17)

where Σ and E are the macroscopic stress and strain in the homo-
geneous effective medium and V ¼ 8000 nm3 is the total volume
of the considered microstructure used for the calculation of the
energies in the current work. The superscript MT denotes the
Mori–Tanaka approximation for elastic strain energy. The elastic

FIG. 6. (a) High resolution transmission electron micrograph image along the
[1010] zone axis of the 80-nm thick Ru film and its Fourier transform (inset). (b)
Simulated {11�21}1/3 �1�126

� �
deformation twin structure and diffraction pattern

(inset).
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strain energy difference is then given by

ΔW
MT ¼ 1

2
Σij �Mijkl Σkl þ 1

2
Σij �E

0
ij

� �
V � 1

2
Σm
ij M

m
ijkl Σ

m
kl

� �
V , (18)

where Σm
ij is the macroscopic stress in a perfect matrix without the

twin, under the same applied boundary conditions.
The twin boundary energy is given by69

T ¼ Ai Γt , (19)

where Ai is the area of inhomogeneity and Γt is the twin boundary
energy per unit area.

Following Refs. 51 and 69, we assume that the stable shape of
the nucleated twin, defined by the aspect ratios γ2 and γ3, is deter-
mined by the minimization of the elastic strain energy difference
with respect to γ2 and γ3, i.e., by satisfying all of the following con-
ditions:

@ΔW
@γ2

(γcr2 , γ
cr
3 ) ¼ 0 ^ @ΔW

@γ3
(γcr2 , γ

cr
3 ) ¼ 0

^ @2ΔW
@γ22

(γcr2 , γ
cr
3 ) . 0 ^ @2ΔW

@γ23
(γcr2 , γ

cr
3 ) . 0:

Figure 7 shows the dependence of elastic strain energy differ-
ence on the ellipsoid shape for the infinite matrix approximation
and the Mori–Tanaka approach for the ct2, {2�1�12}1/3 2�1�1�3h i, twin.
The twin volume fraction was fixed to 0.01 for the results given
below. While this value is a rough approximation of the actual twin
volume fraction, the conclusions of the present analysis are more
general, given the scaling behavior of the elastic energy with the
twin volume fraction in the MT and the infinite matrix cases, as
follows. The infinite matrix approach by definition predicts a linear
dependence of energy change with twin volume fraction. It was
observed that the MT approach also predicts an approximately
linear dependence of Δ �WMT on the twin volume fraction, ctw. This
is due to the small contrast between the matrix and twin compli-
ances. As the twin volume fraction approaches zero, the energy dif-
ference predicted by both MT and infinite matrix approaches tends
to zero.

The minimum for the elastic strain energy for a twin volume
fraction of 0.01 is denoted in Fig. 7. Results are generally similar to
that of the infinite matrix approach, and the ellipsoid shape mini-
mizing the elastic strain energy difference is approximately: γcr2 �
0:04 and γcr3 � 0:95 for all of the considered twins except for tt1,
{10�12}+ �1011h i. This twin has negative resolved shear stress
under biaxial tension boundary conditions and accommodates the
strain in the opposite direction from the applied strain (Table III).
Therefore, this twin will definitely not form and will not be consid-
ered in further analysis.

The dependence of the elastic strain energy on the shape of
the twin is governed by the shape dependence of the Eshelby
tensor resulting in similar behavior for the two different approxi-
mations for the strain energy. Considering the transverse isotropy
of the Ru single crystalline matrix, i.e., isotropy in the basal plane,
and the applied boundary conditions, each twin system in the

family of symmetrically equivalent twin systems of Table III will
behave the same.

Table IV lists the calculated critical shape that minimizes the
elastic strain energy and the corresponding elastic strain energy dif-
ferences. The predicted critical shape is approximately constant
regardless of the twin or method used for the calculation of elastic
strain energy difference. The infinite matrix approach predicts the
lowest minimized elastic strain energy difference for the ct1,
{2�1�12}1/3 2�1�1�3h i, twin. This twin is oriented the best to accommo-
date the applied strain, which can be seen from the largest resolved
shear stress value in Table III. The ct2, {10�11} 10�1�2h i, twin has

FIG. 7. Dependence of ΔW on the ellipsoid shape for the twin
{2�1�12}1/3 2�1�1�3

� �
calculated by (a) the infinite matrix approximation and (b) the

Mori–Tanaka approach. See the text for more details.
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higher, but still negative, elastic strain energy difference in compari-
son to {2�1�12}1/3 2�1�1�3h i, while tt2, {11�21}1/3 11�2�6h i, has fairly large
positive minimized elastic strain energy difference. The latter is
because the {11�21}1/3 11�2�6h i twin has a very large twinning shear
(0.63) which causes the stress deviation in the twin, σ i, to have the
opposite direction with respect to εp and relatively large magnitude.
Consequently, the strain energy contribution of σ i is positive,
i.e.,�(1/2)σ i

kl ε
p
kl V

i . 0 [Eq. (12)]. This contribution dominates
the expression for elastic energy difference ΔW

inf
[Eq.(12)] and

thus we have ΔW
inf

. 0. Therefore, the infinite matrix approach
predicts an increase of elastic strain energy difference with an
increase of twinning shear, and thus cannot explain the formation
of the tt2 type twins observed experimentally.

The Mori–Tanaka approach predicts similar minimized
elastic strain energy differences for ct1, {2�1�12}1/3 2�1�1�3h i, and
c t2,{10�11} 10�1�2h i. On the other hand, the minimized elastic strain
energy difference for {11�21}1/3 11�2�6h i is strikingly different in com-
parison to the infinite matrix prediction. The Mori–Tanaka
approach predicts a negative minimized elastic strain energy differ-
ence for this twin, with a magnitude that is almost two times larger
than for {2�1�12}1/3 2�1�1�3h i. In the Mori–Tanaka approach, the large
twinning shear will again result in an increase of stress deviation
within the inhomogeneity, which will have a positive contribution
to the total elastic strain energy, but the large twinning shear of tt2
accommodates a non-negligible portion of the applied strain, i.e.,
the misfit strain, and thus reduces the overall strain in the matrix
resulting in a decrease of total elastic strain energy. The latter effect
is completely disregarded in the infinite matrix approximation.

3. Calculation of the critical twin size

Once the critical shape has been calculated, the stable size of
the twin nucleus is determined by the maximization of the Gibbs
free energy @ΔG

@a1
(γcr2 , γ

cr
3 , a

cr
1 ) ¼ 0 ^ @2ΔG

@a21
(γcr2 , γ

cr
3 , a

cr
1 ) , 0.51,69 To

this end, we consider values of the twin ellipsoid semi-axis a1 in
the range of 0 to 20 nm, because for a film with a thickness of
80 nm, which is the largest thickness in the current work, having a
twin with its semi-axis larger than 20 nm is neither physically likely
nor experimentally observed (Fig. 5). The critical size and the cor-
responding free energy are completely determined by the twin
boundary energy per unit area Γt .

Local maximum of ΔG exists only if the elastic strain energy
contribution is negative.69 This then allows the critical nucleus size
to be computed for the {2�1�12} 13 2�1�1�3h i and {10�11} 10�1�2h i twin
systems. However, even for the {10�11} 10�1�2h i system, which has a

twin boundary energy that is approximately six times lower than
for {2�1�12}1/3 2�1�1�3h i, the computed value of the ellipsoid semi-axis
acr1 . 20 nm. More importantly, because ΔW

inf
for the

{11�21} 13 11�2�6h i system is positive rather than negative, the infinite
matrix approach will not predict a maximum for ΔGinf (a1). In
other words, the infinite matrix approach will not be capable of
explaining the experimentally observed formation of
{11�21}1/3 11�2�6h i twins.

By contrast, the Mori–Tanaka approach will predict a
maximum in ΔG for all three twin systems. However, in all cases
acr1 . 20 nm for every twin for the listed values of the twin boun-
dary energies Γt . Figure 8 shows the dependence of free energy on
a1 predicted by the Mori–Tanaka approach for various values Γt .
The figure indicates that the experimentally observed twin
{11�21}1/3 11�2�6h i is the most favorable for nucleation provided that
the Γt ratio with respect to the two other twins is not too large.

It is worth noting that neither computed nor experimentally-
measured values of Γt have been reported for the twin systems of
Table IV for Ru. However, for the {11�21} twin boundary of the tt2
system, Lane et al.67 computed the boundary energy for five hexag-
onal metals, Mg, Zr, Zn Ti, and Be, and found a linear correlation
of this boundary energy with the C44 elastic constant of these
metals. The values of Γt listed in Table III were estimated assuming
not only that this linear relationship could be extended to Ru for
the {11�21}boundary, but also that it could be applied to the bound-
aries of ct1 and ct2 twins. However, considering Γt for ct1 and ct2
have only been computed for three elements, Mg, Ti, Zr, and the
magnitude of C44 for Ru is very high in comparison to these ele-
ments, the extrapolated values of are Γt likely to have large errors
associated with them. Furthermore, the modeling approximations
of the infinite matrix and the Mori–Tanaka approach also affect
the importance of the boundary energy contribution to the total
Gibbs energy. Therefore, the modeling predictions presented here
should be used as a qualitative rather than a quantitative guide.
Accurate values for twin boundary energy per unit area are needed
for more quantitative analysis. In addition, a full-field elastic FFT
modeling approach will result in more accurate elastic strain energy
difference predictions and thus will facilitate a more quantitative
analysis.79,80

Although the results of the energetic modeling of the twins
provide only a qualitative explanation for the formation of the
experimentally observed {11�21}1/3 11�2�6h i twins, it is instructive to
consider again the crystallographic theory of twinning and the
motion of the atoms upon twinning. Since deformation twinning
preserves the crystal structure, all parent lattice sites must be

TABLE IV. The table lists the critical twin ellipsoid aspect ratios and the elastic energy change for the formation of the twin using two approaches, the infinite matrix approach
and the Mori–Tanaka approach for the three twin systems for which the computed resolved shear stress on the twin plane in the twinning direction (direction of shear) was pos-
itive. See Table III and the text for more details.

Infinite matrix Mori–Tanaka

Twin systems γcr2 γcr3 Δ �Wcr (nJ) γcr2 γcr3 Δ �Wcr (nJ)

ct1 {2�1�12} 1
3 2�1�1�3h i 0.0433 0.95 −4.5 × 10−8 0.0442 0.96 −3.8 × 10−8

ct2 {10�11} 10�1�2h i 0.0433 0.95 −2.5 × 10−8 0.0442 0.96 −1.56 × 10−8

tt2 {11�21} 1
3 11�2�6h i 0.0433 0.95 1.25 × 10−7 0.0433 0.95 −7.1 × 10−8
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carried to twin lattice sites by the shear. Therefore, no matter what
the structure of the twin boundary, it must reach an equivalent
position after moving forward a distance qd, where d is spacing of
the K1 and q is the number of such planes traversed.66 Thus, atom

displacements are repeated in each group of q planes. The values of
q are listed in Table III and are as low as 2 and as high as 8. The
{11�21}1/3 11�2�6h i twinning mode has the lowest value at q = 2,
making it the most efficient of the four twin systems in restoring
the lattice structure upon twin formation.

Furthermore, any structure with a basis of more than one
atom per primitive unit cell, as is the case for monatomic hexago-
nal close packed structures with two atoms per primitive unit cell,
must normally require relative translation of atoms, or so-called
structure shuffles or lattice shuffles.64–66 Of the twinning modes
listed in Table III, {11�21}1/3 11�2�6h i is the only mode for which all
lattice sites are correctly sheared to their twin positions, and lattice
shuffles are thus not required.

In addition to the absence of shuffles, the twin interface for
the {11�21} twin is a special high-angle, symmetric tilt boundary
with a tilt angle of 35°. The boundary structure comprises basal
plane edge dislocations with b ¼ 1/3 11�20h i present every other
(0002) plane.67 The arrangement of the atoms is mirrored across
the {11�21} plane, resulting in a shift in stacking from ABAB… to
ACAC… across the boundary, as shown in Ref. 67.

By careful examination of a number of HRTEM images of Ru
cross sections, we find the smallest observable deformation twins to
have a dimension between 2 and 3 nm in the twinning direction in
the twinning plane (i.e., their 2a1 dimension as defined above).
This twin dimension then translates into a twin boundary plane
comprised of only five to six basal plane dislocations with
b ¼ 1/3 1120h i such that there is one such dislocation on every
{0001} plane or equivalently every other {0002} plane [Fig. 6(b)].67

Observation of such small sizes for the twins compared with the
critical nucleus size computed above must mean that the twin
boundary energy is significantly lower than the estimated value
listed in Table III, at least for very small twins, and may be as low
as only 0.1 Jm−2 based on the ΔGMT curves of Fig. 8.

Finally, returning to the observed dislocations and stacking
faults, we hypothesize that when the formation of {11�21}1/3 11�2�6h i
twins occurs, the formation of the a- and c-type dislocations
and stacking faults also becomes possible. In other words, we
hypothesize that strain relaxation in the films first occurs by the
formation of the deformation twins, and only then are the
threading and misfit dislocations and stacking faults able to
form, likely as a result of stress concentration associated with the
twin edges at the perimeter of the twin. The film thickness at
which the threading and misfit dislocations and stacking faults
form is between 10 and 20 nm. The formation of the deforma-
tion twins as a precursor to formation of threading and misfit
dislocations in the Ru films parallels the initiation of surface
cracks as a precursor to dislocation formation in AlGaN/GaN
heterostructures.81

IV. SUMMARY AND CONCLUSIONS

Defects in epitaxial Ru(0001) films on c-plane sapphire, with
nominal thicknesses of 10–80 nm, deposited at 350 °C and
step-annealed to 950 °C, were characterized in detail using the
transmission electron microscope. The critical thickness for misfit
strain relaxation was computed using an energy balance approach
that included the elastic anisotropy of Ru and was found to be

FIG. 8. Dependence of free energy on a1 predicted by the Mori–Tanaka
approach for (a){2�1�12}1/3 2�1�1�3

� �
, (b) {10�11} 10�1�2

� �
, and (c) {11�21}1/3 11�2�6

� �
for different values of Γt . The total volume used for the calculations is
V ¼ 8000 nm3. See the text for more details.
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7+ 2 nm depending on the choice of the dislocation core radius.
The 10 nm-thick films were found to be free of dislocations,
thereby providing reasonable agreement between the experimental
and computed values of the critical thickness.

Films with thicknesses in the range of 20–80 nm did show the
presence of interfacial a-type misfit dislocations as well as threading
a-type and c-type dislocations but surprisingly not the expected
c + a type glissile threading dislocations. These films also showed
the presence of stacking faults, hypothesized to be the I2 type
resulting from the formation and glide of Shockley partials.

The most surprising result, however, was the formation of
deformation twins, which were confirmed to be the type 2 tension
twins {11�21}1/3 11�2�6h i using high resolution transmission electron
microscopy and image simulation in agreement with a prior study.
Energetic analysis of twin formation using the finite matrix Mori–
Tanaka approach provided a qualitative explanation for why these
twins predominate out of the four possible twin types of the classi-
cal theory of twinning. The tt2 twins provide the maximum misfit
strain relaxation for the biaxial stress boundary conditions for these
epitaxial films on account of the high twinning shear of 0.63. They
also possess other features such as lack of a need for lattice shuffles
and an interface that is a special boundary, namely, a 35° tilt boun-
dary with a-type dislocations every other {0002} plane that may
also be contributing to their formation.

This study addressed the identification of the defects, which
include dislocations, stacking faults, and deformation twins;
however, future studies are required to determine the sequence and
the mechanism of their formation. Nevertheless, the study does
show that Ru(0001) films free of these defects can be grown at a
thickness of 10 nm (but less than 20 nm) on sapphire(0001).
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APPENDIX A: CRITICAL THICKNESS FOR STRAIN
RELAXATION BY FORMATION OF MISFIT
DISLOCATIONS

To arrive at an expression for critical thickness in the manner
of Mathews and Blakeslee,43,44 we follow the approach detailed in
Ref. 46. For strain relief by the formation of misfit dislocations, the
coherency strain is assumed to decrease linearly with misfit disloca-
tion density. For a film of thickness h, the coherency strain energy
per unit area per array of dislocations is then given by

ucoh ¼ h
S11 þ S12

(εm � ρmd b)
2, (A1)

where εm is the misfit strain and ρmd is the linear misfit dislocation
density, and b is the magnitude of the Burgers vector of the misfit
dislocation assumed here to be pure edge. For most applications, it
is sufficient to approximate the energy associated with each of the
symmetrically equivalent dislocation arrays to be the dislocation
density times the energy per unit length of an isolated dislocation,
and thus we have

udis ¼ ρmd Ed , (A2)

where Ed is given by Eq. (5). The total energy density is the sum of
the area densities associated with the coherency strain and all three
symmetrically equivalent a-type misfit dislocations in the basal
plane,

utot ¼ ucoh þ 3 udis

¼ h
S11 þ S12

(εm � ρmd b)
2 þ 3ρmd

b2

4π
K(f) ln

4h
b

� �
:

(A3)

The critical thickness is the thickness just beyond which misfit
dislocations become energetically favorable and can thus be
obtained by taking the derivative of the total energy with respect to
ρmd and evaluating it at ρmd ¼ 0. The expression for critical thick-
ness is given in Eq. (7), with the expression for K(f) for disloca-
tions in the basal plane with f ¼ 90� given in Eq. (6).

APPENDIX B: CALCULATION OF THE ESHELBY TENSOR
FOR AN ELLIPSOIDAL INCLUSION

Let us consider a vector (frequency) k of a three-dimensional
(3D) Fourier space, such that k ¼ kα, where k and α are the
modulus and the unit vector associated with k, respectively. Let
θ and w be the spherical coordinates of α. Given an ellipsoidal
inclusion of radii (a1, a2, a3) in a Cartesian space undergoing an
eigenstrain ε*ij (e.g., the shear strain associated with the twin trans-
formation), embedded in an elastic homogeneous medium with
stiffness Cijkl , let us define the following second-rank tensor in the
corresponding Fourier space:

Aik(α) ¼ αj αl Cijkl , (B1)
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and the scalar

ρ(α) ¼
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
(a1 α1)

2 þ (a2 α2)
2 þ (a3 α3)

2
q

: (B2)

The fourth-rank tensor Tklij associated with the ellipsoidal
inclusion is given by

Tklij ¼
(a1 a2 a3)

4π

ð2π

0

ðπ

0

αj αl A�1
ki (α)

[ρ(α)]3
sin θ dθ dw: (B3)

For the purpose of calculating symmetric strains, the Eshelby
tensor is defined as

SEijkl ¼
1
4
(Tijmn þ Tjimn þ Tijnm þ T jinm) Cmnkl , (B4)

which gives the elastic strain in the inclusion in terms of the eigen-
strain as

εij ¼ SEijklε
*
kl: (B5)
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